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ABSTRACT: To provide insight into the formation of shear-induced precursor structures, three apparently unrelated
subjects are analyzed and discussed: the saturation of crystallization from sheared polymer melts, evaluated with
a new shear DTA instrument, the steady state in steady shear, and the entanglement-disentanglement transition.
It is shown that the same large strains that saturate crystallization also lead to a reversible steady state in steady
shear, where the viscosity of the sheared melt is constant in time, and their magnitude is only determined by the
temperature of the sheared melt. Features of the melt morphology at this state are discussed, and their importance
is highlighted to understand the possible mechanisms behind the formation of shear-induced precursors.
Measurements of the reptation time for unsheared samples, and samples sheared up to the steady state, allowed
the quantification of the entanglements loss during the transition between these two states (around 2/3), which is
interpreted as an entanglement-disentanglement transition. The relevance of this result on assumptions of flow
models, particularly the constant number of topological constraints, convective constraint release process, and
chain stretch, is discussed.

Introduction

Recent works discussed the crystallization of polymers from
stressed melts1 and the formation of flow-induced shish-kebab
precursor structures in entangled polymer melts.2 A common
feature is a discussion of the role played by flow-induced
precursors in shear-induced crystallization, particularly their
structure and mechanism of formation. From both works, it is
clear that details of molecular parameters governing the flow-
induced crystallization are unknown, being the discussion
focused on possible molecular mechanisms for shish formation
and whether there is, or not, a coil-stretch transition in shear
flows.

To understand the molecular mechanisms involved in the
formation of precursors, the knowledge of the melt morphology
in steady shear flows is required. This morphology should be
similar for amorphous and semicrystalline polymers melts.
Additionally, it is needed information on the stages preceding
polymer crystallization. Recent results of large-scale computer
simulations on early ordering stages in quiescent polymer melts,
before crystallization, provided answers to the last point.3 It was
shown that ordered domains, with high chain mobility, distrib-
uted randomly in the melt, coexist with amorphous regions.
Dense regions, similar to smectic liquid crystals, grow in the
ordered domains. Additional information on early crystallization
stages was provided by small-angle oscillatory shear experiments
performed on inverse quenched samples.4 It was detected an
additional slow relaxation process at the early crystallization
stages (characteristic time≈1000 s and crystallinity≈1%),
which precedes the liquid-to-solid transition that takes place at
low degrees of crystallinity, and shows characteristics of a
critical gel behavior. These results allow us to visualize the

gradual transition of randomly oriented domains, existing in the
supercooled quiescent melt, into the primary nuclei.

When crystallization occurs after shear, it is found an
acceleration of the process due to the formation of precursor
structures.1,2 Most of the information on these structures resulted
from experiments performed according to a “short-term shear-
ing” protocol in which the effects of intense shear pulses applied
at high crystallization temperatures on the crystallization kinetics
and morphology development are analyzed.5 Additional infor-
mation was provided by real-time SAXS and WAXS experi-
ments performed on specially designed setups.1,2 The results
obtained allowed the construction of a phenomelogical model
that explains the enhancement of crystallization from sheared
melts.5 According to this model, shear leads to the formation
of “lines” of pointlike nuclei in the flow direction, from which
further radial growth takes place. The lifetime of shear-induced
precursors, in melts sheared above the melting temperature, was
evaluated experimentally by morphological analysis of samples
crystallized isothermally, in quiescent conditions, which were
preceded by deformations of the melt, by the fiber pull-out
technique, and allowed to relax during different times intervals,
prior to crystallization.6 The observation of the anisotropic
structures, with cylindritic morphology, or a higher nucleation
density around the pulled fiber region, was used to quantify
the lifetime of the precursors. It was found that the lifetime is
small for high melt temperatures and that it increases by 103

for a decrease of 10 deg in the melt temperature. Despite these
results, and others mentioned in the literature,2 two important
features that may explain the formation of the precursor
structures are unknown so far. One is the nature of the
interactions between adjacent chain segments of oriented
domains in the molten state. Another is the variation of their
size with temperature and deformation in sheared melts.

Knowledge of the morphology in steady shear flows, namely
chain conformations and dynamics, was obtained from studies
with DNA solutions of different concentration.7 These results

† Universidade do Minho.
‡ Universidade de Aveiro.
* Corresponding author: e-mail jamartins@dep.uminho.pt;

Ph 351 253510325; Fax 351 253510229.

7626 Macromolecules2006,39, 7626-7634

10.1021/ma061143u CCC: $33.50 © 2006 American Chemical Society
Published on Web 10/04/2006

CDV



are mentioned in this work because there is evidence that
features of linear and nonlinear rheology for concentrated
polymer solutions and melts are the same.8 More specifically,
it was observed reptation on solutions with a concentration
∼13C*, whereC* is the overlap concentration. Studies of steady
shear flow in dilute and semidilute DNA solutions have shown
that, contrary to a prediction of de Gennes,9 where a coiled state
was predicted to exist in shear flow when the rotational
component (ω) dominates, a stretched state when the flow is
dominated by the elongational component (ε̆), and a sharp
transition region whenω/ε̆ ) 1, a fully stretched chain does
not exist under shear.10 Experimental results indicate that the
limiting state is the one existing at the transition region, of width
∆ω/ε̆ ∼ N-1, whereN is the number of Kuhn monomers in
one chain. This region may be characterized by a dynamic
equilibrium where individual polymer chains continually un-
dergo tumbling motion with large fluctuations in polymer
extension. The maximum observed extension in a steady shear
flow was around 50% of the full chain length.7,10,11

Indirect additional information on the melt morphology at
the steady state may be obtained from shear-induced crystal-
lization studies. Previous works indicated that shearing above
a critical stress, for a time longer than a critical duration, leads
to a saturation of crystallization (limiting crystallization kinetics),
being the stress and strain both considered as controlling factors
for this saturation.12 Small-angle light scattering experiments
performed with a Linkam shearing cell, using Ziegler-Natta
and metallocene polyethylenes (PE), have shown a saturation
of the radiusR(γ̆), with a value around 1/2 the radius of the
spherulite without shear, at strains of∼103 strain units (s.u.)
for the former, while for the latter no saturation was recorded.13

These large strains also saturate the crystallization of a low-
density PE from a sheared melt.14 The melt state responsible
for this saturation was identified as the steady state. Because
of the branching of the polymer used in these latter studies,
additional characteristics of the steady state were not discussed.

Here we analyze the saturation of crystallization in linear
polymers or, more specifically, the effect of melt memory on
shear-induced crystallization kinetics. Thus, contrary to the short
term shearing protocol,5,12 the shear pulse was always applied
at a temperature higher than the thermodynamic melting
temperature. This procedure guarantees that any recorded
acceleration of the crystallization kinetics, in comparison with
the quiescent process, results only from the sheared melt
orientation. However, it must be stressed that other important
effects, such as the additional melt orientation imposed during
the cooling process or at a specific crystallization temperature,
are not considered in this work, although they could be
quantitatively evaluated with the shear DTA instrument. Our
purpose is to quantify the different contributions to the excess
of free energy in sheared melts, although here we restrict this
evaluation to the effect of the memory of shear. The melt state
responsible for the saturation of crystallization from sheared
melts in linear polymers is identified and further analyzed with
rheological experiments. The importance of its full characteriza-
tion is stressed for understanding the structure and mechanisms
behind the formation of shear-induced precursor structures. To
provide additional information on the melt state where these
structures should reach their maximum size and orientation,
features of semicrystalline and amorphous polymer melts,
sheared up to the steady state, are compared and discussed.

Experimental Section

Shear-induced crystallization studies and rheological experiments
were performed with a shear DTA instrument and a rheometer in

parallel and cone-and-plate configurations. The material selected
was an isotactic polypropylene, Moplen HP501M from Basell,
Switzerland, melt flow index of 7.5 g/10 min at 230°C/2.16 kg, a
melting temperatureTm ) 165 °C, and a thermodynamic melting
temperatureTm

0 ) 211 °C.
In the shear DTA,15 the molten polymer was initially pumped

from the accumulator to the capillary channel at shear rates lower
than 0.5 s-1, until the channel was full with molten material, after
which a relaxation time of 5 min was allowed for melt relaxation.
Shear pulses, of different duration and intensity, were then applied,
after which the material was cooled to the crystallization temper-
ature, with a constant and controlled cooling rate, and the
crystallization kinetics was recorded. The apparent shear rate at
the wall was corrected with the Rabinowitsch correction for the
non-Newtonian behavior of the material. The true shear rates were
used to evaluate the strains of the melt.

A Physica MCR 300 rheometer (Paar Physica), with parallel plate
(25 mm diameter) and cone-and-plate (25 mm plate diameter and
2° cone angle) configurations, was used to perform the shear stress-
growth, oscillatory, and steady-shear experiments. The average true
sample temperature was evaluated from the nominal temperature
of the experiments following a temperature calibration procedure
described previously.16 This temperature was recorded with an
accuracy of(1 °C, and the gap size was 0.7 mm for all experiments.
For each rheometeric experiment a new sample was used, and the
experimental conditions were controlled to ensure data reliability.
Also with this purpose, some experiments were repeated in a
Rheologica Stresss Tech (Rheologica Instruments AB, Sweden).

Effect of Melt Memory on Crystallization Kinetics

The results of Figure 1, obtained with the shear DTA
instrument,15 show the isothermal crystallization of iPP at 125
°C, after controlled shearing at 220°C, at constant shearing
time and different shear rates (Figure 1a) and at constant shear
rate and different shearing times (Figure 1b). The crystallization
kinetics is accelerated by the increase of the shear rate or of
the shearing time, and saturation occurs for a constant applied
strain (1962 s.u. on average).

At higher melt temperatures, saturation of crystallization at
the same temperature is delayed (Figure 1c), and it occurs at
lower strains. This behavior is consistent with previous re-
sults,1,12where it was found that long-lived structures, generated
during shear, appear at shorter times (lower strains) at higher
temperature, but the temperature dependence of the critical strain
was not evaluated. The increase of the half-crystallization time
with the sheared melt temperature (Figure 1c) suggests that the
long-lived structures generated at high temperatures have smaller
size. A similar temperature variation was found for the smectic
periodicity in sheared iPP melts.17

Starting from the same sheared melt temperature, the crystal-
lization at different temperatures saturates at the same strain
(Figure 1d). We refer to this strain as critical strain. The critical
strain is thus independent of the crystallization temperature. It
depends only on the temperature of the sheared melt. Besides
confirming strain as the controlling factor for saturating the
shear-induced crystallization, these results also indicate that a
well-defined melt state must be responsible for this saturation.

Identification of the Melt State Responsible for the
Saturation of Crystallization

The existence of a steady state with constant entanglement
density may be confirmed by shear stress-growth experiments,
which are well documented in the literature, since they may be
performed with solutions of different concentration and melts
of amorphous or semicrystalline polymers. The variation of
viscosity (or shear stress) with time, at constant shear rate,
stabilizes at a constant value, the steady state, where the density

Macromolecules, Vol. 39, No. 22, 2006 Saturation of Crystallization 7627

CDV



of entanglements in the sheared melt is constant. We define
the time when the polymer melt reaches the steady state,
evaluated following the procedure of Figure 2, as the onset of
the steady state. For example, for polybutadiene solutions, the
onset of the steady state appears at a constant strain, around 11
s.u. (Figure 8 of ref 18). Earlier experiments, performed with
low-density polyethylene melt at 150°C, indicated a strain at
the onset of the steady state of around 2000 s.u. (Figure 2 of
ref 19, for the shear rates of 10 and 20 s-1).19 Since these
experiments are performed at a constant shear rate, further on
we refer to this state as the steady state in steady shear.

Although the existence of this steady state was extensively
recognized, attention has been mainly focused to the fitting
quality of theoretical models to the experimental data at the
transition from a viscoelastic linear regime to the viscoelastic
nonlinear regime. Only recently, the flow of a 1,4-polybutadiene
solution in a cone-and-plate shear cell was visualized using the
particle tracking velocimetry technique at the start of the flow,
at the overshoot and during the undershoot, and at the steady
state.20 These results allowed concluding for the nonlinearity
of the velocity profile during a simple shear flow at the steady
state, which is consistent with a previously reported entangle-
ment-disentanglement transition.21

Analysis of other relevant and interesting features, such as
the evaluation of the strain at the onset of the steady state,
mentioned above for some published results,18,19and its variation
with the sheared melt temperature was, to our knowledge, never
performed. We report here the evaluation of the strain at the
onset of the steady state for iPP at 220°C with the parallel
plate (Figure 2a) and cone-and-plate configurations (Figure 2b).
The latter results are around 2/3 the values measured with the

parallel plate configuration. For the same melt temperature, the
magnitude of the strain at the onset of the steady state evaluated
with the latter configuration is similar to that obtained with the
shear DTA (see Figure 4a and the discussion below). From now
on, we call the strain at the onset of the steady state the critical
strain. The effect on the critical strain of the initial residence
time (without shearing) at the shearing temperature was also
evaluated. Figure 2b shows these results for the cone-and-plate
configuration. The data for 5 s-1 are indicative of the difference
in the results obtained, regardless if the experiments were
performed with different, or similar, residence time at the melt
temperature. The measurement error of the critical strain values
is around 10%.

Clearly, the same strain that saturates crystallization is also
required for the establishment of a steady state in steady shear.
A critical strain may then be defined as the minimum value of
strain to align, with a limiting orientation angle,22 at a specific
temperature, the maximum number of chain segments with the
flow direction.

Additional Characterization of the Steady State for
Linear Polymers

The excellent agreement between the critical strain values
measured with different instruments suggests that the knowledge
of the melt morphology at this state is of utmost importance to
explain the formation of shear-induced precursors. However,
because of the large time needed at low shear rates to reach
this state, the validity of any information there obtained may
be questioned. To ensure its validity, it was verified the
reversibility of the steady state, the time-shear rate superposi-
tion of the transient viscosity measured at different, constant,

Figure 1. Isothermal crystallization of iPP recorded with the shear DTA. Nominally isothermal crystallization at 125°C after shearing the melt
at 220°C with (a) constant shearing time (60 s) and increasing shear ratesssaturation atγ̆w) 31.9 s-1 corresponding to aγw ) 1914 s.usand (b)
constant shear rate ofγ̆w ) 9.6 s-1 and increasing shearing timessaturation atγw ) 2016 s.u. Solid lines are for quiescent crystallization. (c)
Saturation of crystallization at 125°C for different shearing melt temperatures. The shearing time is 60 s, and the average critical strains are 1914,
1830, and 1416 s.u. for 220, 230, and 240°C, respectively. (d) Saturation of crystallization at different crystallization temperatures and the melt
temperature of 240°C for constant shearing time of 60 s and the shear rates indicated. The average critical strain is 1412 s.u. The measurement
error in the strain values is(10%.
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shear rates, and the similar cooling scans obtained for critically
sheared and unsheared samples. Results of these experiments,
described in the Supporting Information, guarantee that the
oscillatory shear analysis of this state, whose results are
presented below, is not masked by other side effects.

For this characterization it was ensured that for both the
unsheared and the critically sheared samples (sheared up to the
onset of the steady state), at all temperatures and in the
oscillation frequency range tested, the flow behavior is vis-
coelastic linear. Although the transition to the steady state, in
steady shear, is viscoelastic nonlinear, this melt state may be
probed by experiments in the viscoelastic linear regime. The
same constant stress (400 Pa) was used to analyze the differences
in the reptation time of unsheared and critically sheared samples.
For these last samples, the same shear rate (5 s-1) was used for
establishing the steady state at the different temperatures, after
which the oscillatory shear experiments were performed.

Figure 3a shows the reduced curve ofG′ andG′′ at 177°C
for unsheared and critically sheared samples, which have lower
reptation time. We assumed that the crossing point frequency
betweenG′(ω) and G′′(ω) corresponds to the inverse of the
reptation time.23 The oscillatory shear flow activation energy
may be considered to be the same for both melt states,≈22.5
( 0.7 kJ/mol (Figure 3b). The obvious conclusion is that the
barriers to flow in this regime, in both melt states, are the same.
They result only from the conformational energy barriers and
the rigidity of the network, which increases when the polymer
is slightly cross-linked or when stronger interactions exist at
the molten state. Systematically slightly larger values were
obtained for the oscillatory shear flow activation energy of
critically sheared samples, which we assumed to result from

the effect of the larger precursor structures on the flow
resistance.

The critical strain, either the one measured at the onset of
the steady state or that needed to saturate the crystallization
from a sheared melt, measured with the shear DTA instrument,
(Figure 4a), showed a similar temperature dependence, and both
approach a limiting value at high temperatures. For the reptation
time, a similar behavior was observed (Figure 4b). These results
suggest that the degree of orientation reached by the chain
segments, and therefore the orientation of the precursor struc-
tures with the flow direction, at the steady state have reached a
limiting lower value. On the other hand, the precursor structures
must have reached, at this state, their largest size. We will
discuss further on this point.

A surprising result is obtained when the reptation times of
unsheared and critically sheared samples are compared (Figure
4b), the latter being around 1/3 the time of the former. Identical
results were also obtained for branched polyethylene melts,14

but specifically for sheared polyethylene melts, a different
relationship was obtained between the reptation time measured
at the two states. So far, we cannot fully explain this result, but
we suspect that it results from the symmetry of the polymer
chain along the backbone.

Sheared melts of amorphous polymers have exactly the same
behavior as that recorded for iPP. Because of the larger critical
strains at the onset of the steady state, a commercial grade of
polystyrene (Mw ) 2.71× 105 g/mol, Mw/Mn ) 2.0, MFI ) 2
g/10 min, Innova S.A., Brazil) was selected to illustrate the
behavior of amorphous polymers (Figure 5). The temperature
variation of these strains is similar to those of semicrystalline

Figure 2. Results of stress growth in shear for isotactic polypropylene.
Transient viscosity measured at 220°C with the parallel plate (a) and
cone-and-plate (b) configurations at the shear rates indicated. The solid
lines show the evaluation of the critical strain (indicated by the vertical
lines) at the onset of the steady state. The inset in (a) shows the behavior
recorded for short shearing times. The average critical strain is≈1970
s.u. for the parallel plate results and≈1360 s.u. for the cone-and-plate
results. The measurement error in the strain values is(10%.

Figure 3. Oscillatory shear results for isotactic polypropylene. (a)
Reduced curves of unsheared (solid lines) and critically sheared (dashed
lines) samples at the reference temperature of 177°C, evaluated
considering the temperature-dependent frequency and modulus shift
factors,aT and bT, respectively. The reptation time was evaluated at
the intersect frequency betweenG′ and G′′. (b) Activation energy
evaluated from oscillatory shear experiments of unsheared (squares)
and critically sheared (circles) samples.
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polymers (Figure 6a). Also, the reptation time at the steady state
is 1/3 lower than that of unsheared samples (Figure 6b).

From the above results, and others presented in the literature,
the steady state in steady shear may be characterized by (1)
large critical strains at its onset, which decrease with the melt
temperature; (2) for semicrystalline polymers these strains
saturate the crystallization13,14and the anisotropy of sheared iPP
melts evaluated by SAXS patterns, at strains of around∼103

s.u.;24 (3) the critical strains must also be linked to the size and
orientation of the shear-induced precursor structures; (4) to
explain the lower critical strains at higher temperatures, the
precursor structures must have lower size,14 which is an
assumption consistent with experimental results;17 and (5) melts
of amorphous polymers at the steady state must also have
oriented structures, which are not precursor structures because
crystallization is inhibited in atactic polymers, but they should
explain the orientation, on a molecular basis, shown by highly
strained melts.

Melt Morphology at the Steady State and Shear-Induced
Precursor Structures

Some characteristics of the steady state, all based on
experimental results, were identified. However, a full picture
of the melt morphology at this state is not yet available, and it
is crucial for understanding the molecular origin of shear-
induced precursor structures. Since the melt state that saturates
the crystallization also appears in melts of amorphous polymers
and in polymer solutions, studies of these materials at the steady
state may provide us with important information for understand-
ing the physical origin of shear-induced precursors.

One common result, mentioned previously, is the lower
reptation time of critically sheared samples (Figures 4b and 6b).
It indicates that the number of constraints of a sheared melt at
the steady state is smaller. This is explained by an entangle-
ment-disentanglement transition,21 which was reported to occur
in controlled-stress experiments of polymer solutions, for
stresses higher than a critical value, determined by the crossover
modulusGc, given byG′(ωc) ) G′′(ωc). Upon the transition
the sample reaches a steady state. For the highest applied

Figure 4. Temperature variation of the critical strain and reptation
time for isotactic polypropylene. (a) The critical strain measured with
the shear DTA (half-filled squares), at the onset of the steady-sate in
shear stress growth experiments in cone-and-plate (triangles) and
parallel plate (circles and stars for experiments performed with a Paar
Physica and Rheologica Stress Tech rheometer, respectively) configura-
tions are plotted as a function of the sheared melt temperature. (b)
Reptation time measured at different temperatures for unsheared (half-
filled symbols) and critically sheared (full symbols) samples. These
results were obtained from sets of experiments performed with the two
rheometers indicated above. The solid and dashed lines are fits of a
single-exponential decay function to the average values. The dotted
line is the division by three of the reptation time for the unsheared
samples. The dispersion in the data increases clearly for temperatures
lower than the thermodynamic melting temperature of the polymer (211
°C).

Figure 5. Shear stress growth results for polystyrene. Transient
viscosity measured at 220°C with the parallel plate configuration for
polystyrene. The shear rates and the time at the onset of the steady
state are indicated. The average critical strain is 3247 s.u. ((10%).

Figure 6. Comparison between the temperature variation of the critical
strain and reptation time for amorphous and semicrystalline polymer
melts. (a) Temperature variation of the critical strain at the onset of
the steady state for isotactic polypropylene (squares) and polystyrene
(circles). (b) Temperature variation of the reptation time for the same
materials for unsheared (filled symbols) and critically sheared samples
(open symbols).
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stresses, a difference in viscosity of∼103 Pa‚s between the initial
and the steady states was measured. It was ascribed to a massive
loss of entanglements (entanglement-disentanglement transi-
tion), which was found to show no hysteresis (see also
Appendix).

Although this transition was observed for polymer solutions,
it must also occur in polymer melts since the same state, the
steady state, is the final state of the transition for both polymer
solutions and melts. However, this state is not disentangled.
Therefore, the entanglement-disentanglement transition would
be better classified as a transition to the steady state. Because
of experimental limitations, the initial number of entanglements,
which may be evaluated from the plateau modulus value, was
not evaluated in the present work. However, the reduction of
entanglements may be estimated by comparing the reptation time
for unsheared and critically sheared samples. The ratio between
the reptation time at the two states, unsheared (u) and critically
sheared (c), is equal to the ratio between the number of
entanglements (Z) in each state,τu/τc ) Zu/Zc. The results
obtained for iPP and PS, among others materials analyzed,
indicate that only∼1/3 of the initial entanglements remain at
the steady state. The initial number of entanglements is
recovered for iPP and PS when the sample is cooled below the
melting or the glass transition temperature, respectively (see
Supporting Information).25

The melt morphology at the steady state may further be
characterized by conformational states parallel and perpendicular
to the flow direction, the latter decreasing with the shear rate
increase,26 and a smaller number of entanglements. The
relatively lower viscosity at higher shear rates should result from
a stronger alignment with the flow direction of some confor-
mational states. Therefore, the oriented precursor structures in
sheared melts of semicrystalline polymers should reach their
maximum size and orientation with the flow direction at the
steady state, where they coexist with a dynamic melt,27 in which
the polymer chains continuously undergo extensions and
tumbling motion, without ever reaching a full extension, thus
precluding the existence of a fully stretched state in steady
shear.10,11The same behavior is expected for critically sheared
melts of amorphous polymers. They also should reach their
maximum anisotropy at the steady state, which should decrease
with the temperature of the sheared melt.

Apparently, the obvious conclusion from our data is that
“shearing produces an equilibrium state of entanglement, and
that the concomitant orientation and stretching of the partially
disentangled chains in the network are what contribute to the
nucleation enhancement”.28 This comment is quoted here
because it helps us to better illustrate the meaning of the above
discussion, the discussions below, and to get an idea of the
implications that the explanation for the molecular origin of
shear-induced precursor structures may have.

Of course, the steady state may be considered an equilibrium
state of entanglements. But it cannot be the stretching of the
partially disentangled chains in the network, between the
surviving entanglements, at the steady state, what contribute to
the crystallization enhancement. There are two reasons, based
on experimental results that support the above statement. First,
the reptation time at the steady state is small. Thus, during the
cooling process, from the melt to the crystallization temperature,
the extended chains between entanglements must relax very fast
to higher entropic states. (It must be noted that this work is
focused on the effect of the melt memory on shear-induced
crystallization and that strains are applied at temperatures above
the thermodynamic melting temperature.) The second reason

results from the effect that the finite size of ordered regions
between entanglements may have on the flow activation energy.
The results of Figure 3b clearly show that unsheared and
critically sheared melts, which have 1/3 of the initial entangle-
ments, have the same flow activation energy in the viscoelastic
linear regime. Since the appearance of ordered regions between
entanglements must necessarily imply the existence of physical
interactions between segments of adjacent chains, one would
expect that the formation of these ordered regions between
entanglements would lead to higher activation energies for
critically sheared melts.

Knowing the size of precursor structures, this increase could
be estimated. Information on their dimensions is scarce.
Furthermore, it was proved that their size is temperature
dependent,17 and it must also be strain dependent.24 Besides the
anisotropic structures of∼500 Å in the flow direction mentioned
previously,24 also for iPP, SAXS experiments allowed the
identification of layers containing long-lived polymer molecules,
separated by unoriented chains.29 The average spacing between
layers was≈430 Å. The periodicity evaluated for the shear-
induced smectic phase was≈40 Å.17

The interacting potentialW of two parallel chain molecules
separated by a distancer, with lengthL, each molecule in one
chain having a molecular diameter ofσ, is30

whereC is related to the number density of molecules in each
chain (F) by the Hamaker constantA ) π2CF2 . It was assumed
the same density of molecules for each chain. Details about the
evaluation of the Hamaker constant for polypropylene may be
found in the Supporting Information. This constant may be
calculated from the Lifshitz theory of the van der Waals
interactions, where the interacting forces are derived in terms
of dielectric constants and refractive indexes. The value obtained
for two polypropylene chains interacting across vacuum isA )
7.1 × 10-20 J. The distancer between the two chain outer
surfaces is assumed to be the same as the molecular diameter.
With σ ) r ) 5.57 Å andC ) 6.6× 10-78 J m6, the interaction
potential as a function ofL (in angstroms) is≈ -28.2L J/mol.
Thus, two parallel iPP chains, between entanglements, with a
length of 100 Å, yield an interaction potential of-2.82 kJ/
mol, which should result in an identical increase on the
oscillatory shear flow activation energy. The value considered
for the length of shear-induced precursors (100 Å) is a typical
thickness of a lamella. Results of our work, not yet published
allowed to estimate the size of shear-induced precursor structures
from the free energy excess of critically sheared iPP melts. The
values obtained were between 300 and 500 Å for the length
and between 30 and 60 Å for their thickness.

These results, those of Figure 5 obtained for sheared
polystyrene melts, and the characteristics of the steady state
described above, based on literature results10,11,13,17,24,26,27and
on our own work,14 led us to question the physical nature of
entanglements. Shear-induced precursor structures seem to be
intimately related with entanglements. Since the above results
indicate that they cannot be created between entanglements, it
remains that entanglements, themselves, should be at the origin
of those structures. This is the reason for our discussion on
shear-induced precursors, the melt morphology at the steady
state, and entanglements. This specific subject will be discussed
further on in future works.

W ) - 3πCL

8σ2r5
(1)
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Evaluation of the Excess Free Energy in the Critically
Sheared Melt

It is commonly accepted that crystallization from strained
melts results from thermally-induced and flow-induced pro-
cesses, each one giving its own contribution to the overall free
energy of the melt. These two effects were recently included
into a two-phase simulation model of the melt spinning for poly-
(lactic acid).31 The model included a nonisothermal version of
the Avrami equation, which was coupled with a nondimensional
free energy of the amorphous phase that accounts for the effect
of flow. One model prediction is that flow-induced crystalliza-
tion occurs only in a temperature range where quiescent,
thermally-induced, crystallization occurs. This result stresses the
importance of evaluating the excess of free energy in a strained
melt, which results from both the deformation of the melt at
temperatures higher than the melting temperature of the polymer
and further deformations, under real processing conditions, of
the supercooled melt. The analysis of the last effect, following
the short-term shearing protocol mentioned previously,5,12

allowed to conclude that the density of nuclei in sheared
supercooled melts increases with the applied specific work up
to a limiting value of around 1018 nuclei/m3.32,33

Evaluation of the excess of free energy resulting from melt
memory effect on flow-induced crystallization is presented
below. The purpose of this exercise is to show that the results
presented in this work are consistent with predictions of an
evaluation for the free energy increase in a sheared melt resulting
from the orientation imposed by the flow.34 This evaluation
assumes the absence of chain stretch. The excess of free energy
per unit volume (A) was evaluated from the orientation tensor
S, considering the volume-preserving condition (λ1λ2λ3 ) 1)
and that the anisotropy resulted from a single step deformation
of eigenvaluesλ1, λ2, λ3. Following the nomenclature and
definitions of ref 31, the expression obtained for the excess of
free energy with respect to the undeformed state wasA ) G
ln[(λ1 + λ2 + λ3)/3], with G ) 6GN

0 ) 6FRT/Me. A different
expression for the excess of free energy, derived from the Doi-
Edwards independent alignment approximation model,35 is A/G
∝ De2, whereDe is the Deborah number, the proportionality
constant being dependent on the nature of the flow filed, shear
or elongational.

The excess of free energy per unit of volume evaluated at
different melt temperatures for the iPP used in this work and
LDPE14 is plotted in Figure 7. Only the critical strains at
different sheared melt temperatures measured with the shear
DTA were used in this evaluation. The other parameters, namely
Me andF, were obtained from ref 35. Considering a unidirec-
tional flow, the strain at the onset of the steady state that
saturates crystallization is approximately equal toλ1, and the

incompressibility condition may be used to evaluateλ2 andλ3.
Taking into account the assumptions of the model and the one
made here, related with the directionality of the flow, the results
obtained are approximations that are nevertheless important to
support both our explanations and the physics behind the
derivation of the excess free energy.

The higher value obtained for LDPE results mainly from the
lower molecular weight between entanglements of this polymer.
The free energy decreases with the melt temperature, indicating
that the orientation state of the melt at higher temperatures is
lower, which is consistent with our previous assumption that
the size of precursor structures decreases with the temperature
of the sheared melt. Conversely, at lower melt temperatures,
the larger size of precursor structures explains the larger strains
needed to saturate the crystallization (Figure 1c) and establishing
the steady state in steady shear and also the higher values
obtained for the excess of free energy.

Since the free energy is only a function of the sheared melt
temperature and the molecular orientation at the steady state,
which depends on a critical strain, it has a limiting value at this
state. It is this limiting high value that also explains the reason
why crystallization at different temperatures, starting from the
same sheared melt temperature, saturates at the same strain
(Figure 1d), the one needed to establish the steady state in steady
shear.

Implications on Assumptions of Tube Models and on the
Nature of Convective Constraint Release Process

Theories used for the description of the flow of polymer melts
under the action of strong deformations usually consider the
flow of a test chain in a tube whose diameter is determined by
constraints formed by the surrounding chains. The relaxation
mechanisms considered are reptation, thermal and convective
constraint release, and chain stretch, among others, such as
double reptation and tube dilatation, all of them contributing
for a decrease of the reptation time evaluated from the Doi-
Edwards original theory.36 The number of constraints imposed
by the surrounding chains to the test chain is generally
considered constant. For the chain stretch it is also considered
an increase in the number of constraints with the primitive path
length of the test chain.37 Since the results obtained in this work
indicate that the number of entanglements at the steady state is
1/3 of their initial number, clearly some of the above-mentioned
assumptions must be questioned.

By the same reason, another point that is questioned is the
physical interpretation for the microscopic origin of the convec-
tive constraint release process (CCR). The CCR and chain
stretch processes were introduced to explain the nonlinear
viscoelastic properties of entangled polymers under large strains
and/or fast flows.36-39 Originally, the activation of CCR process
was envisaged in the following way: once a chain is stretched
by a large step strain, it retracts along the tube abandoning some
entanglement points. The CCR mechanism activates then the
surrounding chains that were initially constrained by the test
chain, contributing therefore, besides reptation, as an additional
process for the renewal of the entanglement topology.38,39 A
different microscopic theory of nonlinear melt flow considers
a local CCR process.40 It is considered that local CCR generates
local Rouse jumps of the tube, reorienting the chain segments
both toward and away from the flow direction. Most importantly,
it is further assumed that neither the tube segments per chain
(number of entanglements per chain) nor the tube diameter
changes.37,40 The practical effect of these approaches was
discussed with detail in the literature,36,37and current challenges

Figure 7. Temperature variation of the excess free energy at the onset
of the steady state.
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regarding the way of operation of CCR process were also
analyzed.41 It produces a state of the melt almost invariant with
changes of flow rate, yielding a saturation of the chain
anisotropy.

We will focus here in comparing model predictions with
experimental results of the start-up of shear, such as those of
Figure 2a. In these experiments it is known that the stress
overshoot at lower strains results from the large driving force
to stretch the tube, which is induced by the onset of the flow
(see inset in Figure 2a). This force decreases when the chains
become oriented with the flow direction. The incorporation of
CCR and chain stretch into the flow models allows predicting
this stress overshoot. It also allows capturing the steady-state
values; i.e., the combination of the two processes is required
for a description of the transition from the overshoot up to the
steady state.

It is interesting now the confrontation of the above different
descriptions of CCR process with the experimental results
obtained for the visualization of the flow in a cone-and-plate
shear cell before the overshoot, during the transition (under-
shoot) to the steady state, and at this state.20 After the stress
overshoot, it was found that the velocity profile between the
cone and plate was nonlinear for non-Newtonian fluids. This
nonlinearity was found to be consistent with an entanglement-
disentanglement transition (see Appendix).

Since considering the experimental results known so far, it
is reasonable to expect that for lower strains (before the stress
overshoot) there is not a change in the number of constraints
of the tube, and since the final number of entanglements is 1/3
smaller than the initial number, we can reasonably consider that
the undershoot in the above-mentioned curves results from a
decrease in the number of entanglements.

Now, we must remember that the two coupled processes that
allow the description from the overshoot up to the steady state,
CCR and chain stretch: one considers a constant number of
entanglements and constant tube diameter while the other
considers its increase.37 In some versions of the chain stretch it
is also considered a constant number of entanglements. These
assumptions are clearly inconsistent with the experimental data
presented here.

Conclusions

This work has provided information on the magnitude of
strains needed in sheared melts for reaching steady state and
their temperature dependence. It was shown that cooling a
sheared melt from this state saturates the crystallization. The
steady state is reached after a transition in which around 2/3 of
the entanglements are destroyed. The steady state is not a
disentangled state. Since a fully disentangled state does not exist
at the steady state, the previously reported entanglement-
disentanglement transition, observed for well entangled polymer
solutions,21 should be more accurately described as a transition
to the steady state.

Contrary to conclusions of other recent works, these results
demonstrate that forced flow at high temperatures does not lead
to a remelting of precursors42 and that the lifetime of shear-
induced precursors, at steady state, is much longer than that
previously estimated.6 Although the molecular mechanism
behind the formation of shear-induced precursor structures is
not yet established, it is shown that these structures coexist at
steady state with a less entangled melt and that their size should
decrease with the sheared melt temperature. On the other hand,
the orientation of precursor structures in the flow direction

should increase with the strain applied to the molten polymer,
up to a limiting steady-state value.

Other relevant results of this work are the demonstration that
the oscillatory shear flow activation energies are the same for
unsheared and critically shearead samples, although the reptation
time of the latter is shorter. The surprising similar behavior
shown by sheared melts of amorphous polymers concerning the
temperature dependency of the strain at the onset of the steady
state, the also similar oscillatory shear flow activation energy
for unsheared and critically sheared samples, and the lower
reptation time shown by the latter samples defy the presentation
of a molecular mechanism for the formation of the shear-induced
precursor structures. They cannot be created in the extended
chains between entanglements since this would increase the
oscillatory shear flow activation energy for the critically sheared
samples. The identification of a molecular mechanism for their
formation implies questioning the physical nature of an en-
tanglement.

The results presented in this work also raise several other
questions. Why are2/3 of the initial entanglements destroyed
during the transition up to the steady state, while1/3 remain?
Are there “weak” and “strong” entanglements, the latter
surviving up to the steady state? How can we envisage the
coexistence of precursor structures with a dynamic melt at the
steady state? What are the physical interactions that sustain the
precursor structures, and how can they be made consistent with
topological constraints? In our opinion, the answer to these
questions implies the analysis of what is considered to be a
topological constraint. Do topological constraints effectively play
the role that is assigned to them? After all, “there are no
topological obstacles in a system of linear chains since, given
sufficient time, a chain can diffuse and release all topological
restrictions”.43
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Appendix. The Entanglement-Disentanglement
Transition

The conditions under which this transition occurs were
described above, and they may also be found in the original
work.21 In the following, it will be shown that the state reached
after the transition is not a disentangled state and that this
transition would be more appropriately described as a transition
to the steady state.

The viscosity at the steady state must be a property of the
material, and its value should be independent of the device used,
or the experimental protocol followed, to reach that state. For
high shear rates (500 s-1) the steady state reached at constant
shear rate or constant stress is characterized by the same
viscosity. The steady shear viscosity is≈12 Pa‚s for the
experiments performed at 500 s-1 (Figure 2 of ref 21). The
constant shear stress of 5 kPa yield a steady state at the shear
rate of 500 s-1, with a viscosity of≈10 Pa‚s (Figure 6a of ref
21). Surprisingly, the experiments performed at lower stresses
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yield steady states with relatively lower viscosities than those
performed at a constant, lower, shear rate. For example, for the
shear rate of 40 s-1 steady-state viscosities of≈110 and≈60
Pa‚s are obtained for the constant shear rate and constant stress
experiments (Figure 8 of ref 21). The discussion for the source
of these different values is outside the scope of this work. They
are assigned by the authors to the different flow responses of
entangled polymer solutions under constant shear rate or
constant stress experiments. This conclusion, however, implies
the existence of a window of shear stress (between 2 and 5 kPa
for the solution tested)21 in which the viscosity at the steady
state evaluated from constant stress experiments is lower than
that evaluated from constant shear rate experiments. From a
physical point of view it is difficult to support this conclusion.

Although the entanglement-disentanglement transition was
apparently exclusively assigned to constant-stress experiments,
the above discussion shows that it is also recorded with constant
shear rate experiments, such as the shear stress growth experi-
ments described in this work. Regardless of the test method
used, the final “disentangled” state is a steady state, and so, the
entanglement-disentanglement transition would be better clas-
sified as a transition to the steady state. The proof that the steady
state is not a disentangled state and that the entanglement-
disentanglement transition is related to the destruction of2/3 of
entanglements on the transition to the steady state is easily made
by the finite values of the reptation time measured at the steady
state (Figures 4b and 6b).

Supporting Information Available: Additional information on
the characterization of the steady state, additional information on
the results of Figures 4b and 6b, evaluation of the Hamaker constant
for polypropylene, and Figures S1 and S2. This material is available
free of charge via the Internet at http://pubs.acs.org.
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